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Tensile tests were performed on seven commercial polymers at 22 ~ C and at constant 
true strain rates of 10 -4 to 10 -1 sec, 1. The constant strain rates were imposed on the 
minimum section of each sample with the aid of a diametral transducer, an exponential 
function generator and a closed-loop hydraulic testing machine. The polymers investi- 
gated were: high and low density polyethylene, polytetrafluoroethylene, polypropylene, 
polyvinylchloride and polyamide 6 and 66. True yield drops were observed in the rigid 
glassy polymers, whereas yielding was more gradual in the semi-crystalline or plasticized 
polymers. Strain rate change tests were also performed, during which one order of 
magnitude increases and decreases were imposed on the specimens. "Normal" transients 
were observed at small strains in the samples containing a rubbery phase, while the 
transients were of an "inverse" nature in the samples containing a glassy phase. With an 
increase in the strain at which the change was initiated, the "normal" transients changed 
in character to "inverse". Transient tests were also performed in which straining was 
interrupted to permit a period of stress relaxation or of holding in the unloaded condition 
prior to the resumption of straining. A quantitative model is proposed, based on the 
dynamics of plastic waves which accounts for the transition from "normal" to "inverse" 
transient behaviour with increasing strain, and also explains the opposite effects of stress 
relaxation and of specimen unloading on the restraining transients. 

1. Introduction 
The plastic behaviour of solid polymers is less 
well understood than that of most other industrial 
materials. This is in spite of the numerous exper- 
imental papers which have been published describ- 
ing the necking and cold drawing of various 
compounds. Although considerable data are 
now available (e.g. yield stresses and natural 
draw ratios), and the fme microstructure of the 
molecular chains has also been well characterized, 
the intrinsic stress-strain plastic properties are 
difficult to separate from the more arbitrary 
geometric and transient effects. The latter play 
a particular role at yielding and after rapid strain 
rate changes. 
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In the experiments to be described below, the 
geometric effects were largely eliminated through 
the use of a servo-controlled testing procedure 
which maintained a constant true strain rate at a 
particular location in the specimen [1]. In this 
way, the intrinsic material behaviour could be 
determined under constant strain rate conditions. 
In order to provide further information concerning 
the mechanisms of flow, a series of "transient" 
experiments was performed in which: (i) the strain 
rate was changed abruptly, or (ii)straining was 
interrupted to permit a period of stress relaxation 
prior to the resumption of straining, or (ii) strain- 
ing was interrrupted and the samples were untoaded 
completely from various intervals prior to the 

0022-2461/81/071956-19503.90/0 � 9  Chapman and Hall Ltd. 



resumption of straining. The results of these tests 
were interpreted by distinguishing between the 
elastic, viscoelastic and plastic components of  the 
strain rate and then drawing up a quantitative 
model for the flow behaviour based on the 
dynamics of plastic waves. This model is capable 
of explaining the transition from "normal" to 
"inverse" transient behaviour during the defor- 
mation of low and high density polyethylene, 
and also accounts for the opposite effects of  stress 
relaxation and of specimen unloading on the 
transients observed after the resumption of strain- 
ing in both crystalline and glassy polymers. 

2. Experimental techniques and constant 
strain rate results 

2.1. Tensile testing procedure at constant 
true strain rate 

Most of the studies devoted hitherto to charac- 
terization of the plastic behaviour of polymers 
were based on data from conventional tensile 
tests performed at constant rates of elongation. 
It was shown in an earlier paper [1] that the 
conventional tensile test was inconvenient for 
materials exhibiting early necking since the 
engineering stress-strain curves which can be 
derived from it reflect only the mean evolution 
of the specimens (inasmuch as the deformation 
is inhomogeneous), rather than the intrinsic 
properties of the material. In that paper a new 
tensile technique which controls the local true 
strain at the neck of  a cylindrical specimen 
e=21n(Do/D) was proposed, where D O and 
D are the initial and current diameter of the 
neck, (the latter recorded continuously with a 
diametral transducer). A constant true strain 
rate ~ was imposed by means of an MTS* closed- 
loop hydraulic tensile machine. The exponential 
function generator, which provided the control 
voltage, made it possible to perform not only 
uninterrupted constant strain rate tests, but 
rapid strain rate change experiments as well, in 
addition to stress relaxation at constant total 
true strain, following a special procedure which 
will be described below. According to this method, 
the true stress o is defined by the force per unit 
current cross-section of  the neck o = 4F/1rD 2. This 
expression ignores, for simplicity, the influence of 
stress triaxiality within the neck, as this has been 
shown to affect the value of the true stress by only 
a few per cent [2-5] .  

*MTS = Materials Testing Systems. 

2.2. Character is t ics  of  the  tes ted  specimens 
Since the tensile testing procedure is based on 
local strain data, it was more convenient to reduce 
the deforming length of  the samples and to impose 
the location of the neck by using hour glass shaped 
round specimens. These were machined on a lathe 
out of 12mm diameter extruded rods with a 
minimum initial diameter equal to 6 mm. 

Seven commercial polymers were investigated 
in this work. Four of  them were tested intensively: 
high density and low density polyethylene (from 
Union Carbide, DMDY and DFDY natural, den- 
sities: 0.956 and 0.921), polyvinylchloride (from 
Carlew Chemicals, D101 dark grey) and poly- 
propylene (from Hercules Canada, Profax 6823). 
The other three were tested to provide comp- 
lementary information. These were: polyamide 
nylon 6, polyamide nylon 66 and polytetrafluoro- 
ethylene (Teflon). The tests were all performed at 
room temperature (T R = 22-+ l~ with slow 
strain rates ranging from 10 -4 to 10 -1 sec-:. This 
range of strain rates was chosen in order to keep 
the temperature rise due to heat dissipation while 
straining as small as possible and to ensure that the 
actuator of the tensile machine followed the con- 
trol signal without delay or overshoot effects. 

2.3. Plastic behaviour of the polymers at 
constant true strain rate 

The plastic response of the above mentioned 
materials is presented in Fig. 1 in the form of 
experimental load against diameter curves obtained 
at a constant true strain rate of 10 -3 sec -1. It 
should be noted that, as for engineering stress- 
strain curves obtained from conventional tensile 
tests, most of the curves exhibited a marked load 
drop at yielding. On the other hand, the usual 
cold-drawing plateau is absent since it corresponds 
in the conventional test to the propagation of the 
neck and is not in fact associated with a marked 
decrease in general neck diameter. After trans- 
formation of the curves into true stress against 
true strain plots, the curves of  Fig. 2 are obtained, 
which represent the intrinsic tensile behaviour ot 
the materials at 10 -3 sec -1 . The curves are charac- 
terized by two distinct stages: (i) an initial pseudo- 
elastic stage with a high elastic modulus and 
(ii) a long plastic stage, whose general feature is 
a gradually increasing slope da/de. The transition 
between these two stages constitutes the yielding 
stage, which has different features in the different 
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Figure I Experimental load against 
diameter curves recorded during the 
testing of the present seven polymers 
at a constant true strain rate ~ = 10 -3 
sec -I (LDPE and HDPE: low and high 
density polyethylene, PTFE: polytetra- 
fluoroethylene, PP: polypropylene, PVC: 
polyvinyl chloride, PA 6 and PA66: 
polyamide 6 and 66). 

polymers,  and which will be described in more 
detail  in the section that  follows. 

The influence of  strain rate on the plastic 
behaviour after passing through the initial transient 
associated with yielding was determined by  
running a series of  experiments at increasing strain 
rates. An example of  the results obtained is illus- 
trated in Fig. 3 for the case of  HDPE. It is evident 

that  the true stress at a given strain increases 
gradually with strain rate. The influence o f  ~ on 
o was studied systematically in the different 
polymers, which revealed that  this effect is 

not  very large. (Expressed as a conventional 
rate sensitivity, m = (d In o/d In e)e, a range of  
0.02 (PVC) to 0.06 (polyethylene)  was ob- 
served.) 
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1 . 5  Figure 2 True stress against true strain curves 
obtained from the data of Fig. 1. 
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Figure 3 Influence of true strain rate on the stress against 
strain curves for high density polyethylene at strain rates 
from 10 -4 to 10 -1 see -1. 

3.  Y i e l d i n g  a n d  s t ra in  ra te  c h a n g e  
b e h a v i o u r  

3.1. Yielding behaviour 
Traditionally, the large drop in the tensile force 
at the beginning of the plastic range has been 
taken as the principal feature of the mechanical 
behaviour of  ductile polymers. Thus several authors 
[6-10]  have derived constitutive equations on 
the basis of  the nominal stress-strain curves 
obtained from conventional tests. However, after 
the pioneer work of Vincent [ 11 ], some researchers 
[ 12-14] have focussed attention on the geometric 
origin of the force drop and on the necessity of  
dealing with true stress-strain curves based on the 
current diameter of  the neck. The data recorded 
in the present work take this requirement into 
account. In addition, the constant true strain rate 
condition reduces the effect of  adiabatic heating, 
which frequently occurs in conventional tests 
while the neck is forming [15, 16]. Furthermore, 
due to the slow strain rates used in our tests, the 
data presented below can be considered to have 
been determined isothermally. 

The shapes of  the e(e) curves in Fig. 2 indicate 
that, for all the polymers tested except PVC, the 
drop after the load maximum can be attributed to 
the decrease in cross-section in the vicinity of the 
neck. That is, the force drop arises, despite the 
continuously increasing true stress, because the 
local decrease in cross-section is greater than the 
associated increase in flow stress. The curves 
for low density and high density polyethylene 
(LDPE and HDPE), for Teflon (PTFE) and for 
polypropylene (PP) are characterized by a rounded- 
off yield knee, followed by a plastic stage with a 

small initial slope and  a gradually increasing 
consolidation rate de/de. Neither curve for the 
polyamides (PA6 and PA66) exhibits a yield 
drop, and these have a slightly different shape: 
after a sharp knee, the consolidation rate has a 
large value at first; it then decreases a littie and 
finally increases gradually as for the preceding 
materials. This is why the tensile force reaches its 
maximum at a rather large overall strain. The case 
of  polyvinylchloride (PVC) is clearly altogether 
different since a small (but significant) true stress 
drop is definitely present. After the stress has 
stabilized itself at the lower yield point, the rest 
of  the curve is normal, with an increasing slope. 
It appears therefore that the yield stage is differ- 
ent in the various polymers. Conversely, the plastic 
range has similar features in all the tested polymers 
in that the flow stress increases continuously with 
strain. 

The influence of strain rate on the yield behav- 
iour is illustrated in Fig. 4 for the contrasting cases 
of PVC and HDPE. For this purpose, the flow 
curves were all normalized to give the same values 
of stress at e = 0.2 as that obtained at a strain rate 
of 10 -3 sec -t. The differences between the curves 
are thus characteristic of the yield behaviour alone. 
It can be seen that these differences are not very 
pronounced. For HDPE, the apparent modulus 
increases with strain rate and the yield transition 
is more abrupt. For PVC, the apparent initial 
modulus is not markedly affected by the strain 
rate, while the yield transition presents some 
evolution: the upper yield stress is raised about 
5% by a tenfold increase in strain rate and the 
width of the yield "bump"  tends to increase as well. 

3.2. Transient behaviour after a 
stress rate change 

The use of strain rate changes to determine rate 
sensitivity has been widely developed in the case 
of metals (see for example [17, 18]). It consists 
of  imposing a sudden change in strain rate on the 
specimen and of recording the resulting change in 
flow stress. For metals, because of the extended 
range of homogeneous deformation, a strain rate 
increase or decrease can be readily effectuated 
simply through a velocity change of the machine 
crosshead. Nevertheless, the results must be inter- 
preted carefully because of the influence of the 
elastic deformation of the testing machine, as 
well as of the specimen elastic and plastic strains 
[19, 2Ol. 
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Figure 4 Influence of tree strain rate on the yield behav- 
iour of high density polyethylene and polyvinyl chloride. 
In order to emphasize this effect, the experimental 
curves are normalized to give the same transient-free 
level at e = 0.2 as that obtained at 10 -3 see -1. 

In the case of polymers, strain rate changes 
have been less widely applied for the derivation 
of activation analysis data. Such tests have, for 
example, been performed on PVC by Pink [21], 
who pointed out the difficulty linked to the early 
development of a neck in these ductile polymers. 
If the conventional tensile test is used, the strain 
rate change can be rigorously applied only at the 
moment when the load passes through its maxi- 
mum. Before this point the plastic regime is not 
yet generalized, and after, a change of elongation 
rate has complex effects affecting not only the 
intrinsic material strain rate but also the distri- 
bution of strain along the profile of the necked 
specimen. This problem of the in_homogeneity 
of the strain was avoided with the new type of 

test used in the present work. Since the tensile 
machine controls the local true strain and not the 
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Figure 5 Transients observed after strain rate changes. The continuous and dotted portions of the curves correspond to 
strain rates of 10 -3 and 10 -2 see -1 , respectively. 
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Figure 6 Schematic representation of the idealized 
"normal" and "inverse" transients produced by strain rate 
changes. 

overall specimen elongation, the strain rate change 
technique remains valid during the entire test, 
until rupture. The change is simply produced by 
a sudden modification in the setting of the func- 
tion generator which controls the machine. 

The curves in Fig. 5 show the results of  exper- 
iments in which the true strain rate, nominally 
equal to 10 -3 sec-l ,was changed to 10 -2 sec -1 for 
selected intervals of  time. For all the polymers 
tested, it can be seen that, after a strain rate 
change (upward or downward), the tensile flow 
stress displays a transient curve, the detailed shape 
of which depends on the material and on the 
strain. The transient curves persist for strains of  
about 0.1 to 0.2, after which the stress attains the 
value it would have reached if the new strain rate 
had been used from the beginning of the test. The 
"memory" of the previous strain rate is thus kept 
conserved only during the transient part, while the 
behaviour after the transient part seems to be 
nearly independent of the plastic history and to 
depend only on the current strain and strain rate. 

A closer observation of the curves shows that 
the transient part can always be considered as 
intermediate between the two extremes depicted 
in Fig. 6: 

(i) The "normal" transient, characterized by a 
rounded shape of the stress-strain curve. (Note, 
however, that when the strain rate is decreased, 
the stress change is somewhat more abrupt, i.e. 
sharper than when it is increased.) 

(ii) The "inverse" transient, characterized by 
a marked overshoot of the true stress, before 
decreasing towards the constant strain rate level. 
These overshoots have nothing to do with machine 
inertia effects. They are observed at fast and slow 
strain rates (even 10 -4 sec-l), and are due to the 

intrinsic response of the material. Here again, the 
downward transient is more abrupt than the 
upward one. 

It should be remarked that, in the case of  poly- 
ethylene, Teflon and polypropylene, the transients 
are of  the "normal" type when the rate changes 
are imposed at small strains, while they adopt 
more and more of an "inverse" character at larger 
strains. The case of HDPE is eloquent in this 
respect since the first upward change (e = 0.13) is 
followed by a very gradual increase in stress, while 
the last upward change before rupture (initiated at 
e = 1.7) is followed by a very sharp stress increase 
with an overshoot larger than 10 MPa. 

Conversely, the transients displayed by the PVC 
and both polyamides are of the "inverse" type 
even at the first change initiated at e ---- 0.13. The 
overshoot is particularly marked in the case of 
PVC. For PA 6 and PA 66, the "inverse" character 
of  the transient is also well marked; however, for 
the first jump, the stress overshoot is slightly 
rounded. 

4. Transient behaviour after stress 
relaxation or specimen unloading 

4.1. Transient behaviour after stress 
relaxation 

A particularly interesting case of strain rate 
change is when the new total strain rate is zero, 
which corresponds to the well-known relaxation 
test. This has been widely used with polymers 
(e.g. [22-24])  for the derivation of viscoelastic 
parameters. However, in our case, we will prefer 
to focus our attention on the subsequent behav- 
iour of  the material, when the test is resumed at 
the initial strain rate. Such "relax-and-resume" 
tests have already been studied in detail by Kramer 
[6] in the course of conventional tensile tests on 
polyamide specimens. But there again, the early 
development of  a neck permitted the results to be 
influenced by the change in specimen geometry, so 
that the microstructural interpretations proposed 
by the author are open to question. 

The curves displayed in Fig. 7 typify the results 
of  tests performed at a constant true strain rate of 
10 -2 sec -1 , interrupted several times for periods of  
2min, during which the total strain was held 
constant. This was accomplished by holding the 
diameter of the specimen constant. Because the 
data are presented in the form of ~ against e rather 
than o against time, this figure does not actually 
show the relaxation kinetics. Nevertheless, the 
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Figure 7 Transients observed after relaxation periods of 2 min during tensile tests performed at 10 -2 sec -1 . 

magnitude of  each 2 rain stress decrease is readily 
evident, as well as the shape o f  the true stress- 
strain curve after straining is resumed at 10 -2 sec -1 . 
There is considerable similarity between this 
behaviour and the results o f  the strain rate changes 
displayed in Fig. 5. For LDPE, HDPE, PTFE and 
PP, the o - e  curve rejoins the continuous curve 
in a gradual and rounded way, except at high 
strains (e > 1), where a more and more marked 
overshoot is observed. For PVC, periods of  stress 
relaxation are followed by a sharp overshoot, even 
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at small strains. (It is interesting to note that the 
overshoot peak observed after the first relaxation 
period performed at e---0.08 has exactly the 
same shape as the true yield peak observed at the 
beginning of  the tensile test.) Finally for PA 6 
and PA66,  the relax-and-resume behaviour is 
similar to that of  PVC, except that at strains less 
than 0.2, no overshoot peak is observed. 

The influence of  relaxation time was also studied 
for the typical case of  PVC. In Fig. 8, a test is 
illustrated in which a PVC specimen was subjected 
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Figure 8 Influence of the duration of stress relaxation in 
PVC on the height of the subsequent stress peak. 

to successive relaxations for times of 10, 20, 30, 
40 and 60 sec. The stress dip during the relaxation 
and the subsequent overshoot peak both increase 
with the holding time. It appears that this evolution 
is especially marked for short relaxations, and 
tends to saturate for holding times longer than 
20 sec. In another test, with relaxation continuing 
for 4.5 h, the overshoot peak following the relax- 
ation has an amplitude comparable with the one 
developed after a 60 sec relaxation. As in the case 
of  strain rate changes, it was observed that no 
memory of the relaxation was conserved by the 
material once the transient period has passed. 

4.2.  T rans i en t  b e h a v i o u r  a f t e r  un load ing  
A reduction of stress can be produced during a 
tensile test by imposing a rapid decrease in the 
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true total strain. This is physically obtained by 
letting the tensile specimen retract; usually, in 
the present method, this operation is done through 
the closed-loop control of  the corresponding 
increase in the specimen diameter. The results 
presented in this section concern experiments in 
which the unloading operations were arranged so 
as to reduce the stress to zero. 

A typical example is displayed in Fig. 9 for the 
case of a PVC specimen which experienced three 
successive unloadings, each lasting 2 rain. During 
these periods, in order to maintain the stress 
equal to zero, the actuator had to be extended 
periodically because the specimen tended to 
contract gradually and thus to generate a tensile 
stress. It should be remarked that, when the test 
was resumed after each unloading, the stress 
gradually rejoined the continuous curve, without 
any overshoot peak, unlike the curve that follows 
a relaxation. 

Other tests showed that the behaviour exhibited 
by PVC after unloading is common to all the 
tested polymers: unloading is always followed by a 
gradual transient without true stress overshoot 
peaks. 

4.3. Transient behaviour after stress 
relaxation followed by unloading 

Not only does an unloading period produce no 
overshoot when the test is subsequently resumed, 
but it can annihilate the effect of a previous relax- 
ation period. Fig. 10 illustrates the shapes of the 
transients determined on PVC after three com- 
posite interruptions consisting of 2 min relaxation 
periods at constant total strain, followed by an 
unloading operation which was maintained for 12, 

f 

C 

Figure 9 The "normal" transients observed with 
PVC when the tensile test is resumed after inter- 
ruptions during which the specimen is unloaded 
for 2 min. 
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Figure 10 Effect of specimen unloading following 
periods of stress relaxation in PVC. (The arrows 
show the minimum stress levels attained during 
the 2 min relaxations.) 

20 or 40 sec. The test was finally completed by 
imposing a simple relaxation period without further 
unloading. It is evident from this test that no 
overshoot period is observed when a relaxation 
is followed by unloading, provided this latter 
period is at least 20sec long. For shorter un- 
loading periods (e.g. 12sec), the effect of the 
previous relaxation is only partially erased and a 
small peak persists when the test is resumed. The 
normal result of the final relaxation (i.e. the 
marked peak) shows that none of these obser- 
vations depends on the previous history of the 
specimen. Complementary experiments performed 
with PA 6 and PA 66 specimens revealed effects 
similar to those depicted in Fig. 10 for the case of 
PVC. 

5. Discussion 
5.1. Interpretation of the constant strain 

rate behaviour of the tested polymers 
Before proceeding further in the discussion of the 
transient behaviour of the present polymers, it 
wilt be useful to interpret the constant strain rate 
behaviour on the basis of a simple mechanical 
model. For this purpose a constitutive equation 
relating to the stress a with the strain e and the 
strain rate ~ has been selected. The data used for 
the analysis that follows consisted of about 
150 stress-strain curves similar to those of Fig. 2, 
performed at constant strain rates ranging from 
10 -4 to 10 -1 sec -1. As noted in the preceding 
section, under these conditions, the flow stress is 
an increasing function of both strain e and strain 
rate ~. It is evident from these curves that one 
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can derive a large number of mathematical 
equations a(e, ~) all of which adequately fit the 
entire set of experimental results. However, some 
of these forms are either more convenient for 
further use, or more appropriate with regard to 
microstructural modelling. In a previous paper 
[1], a preliminary analysis was published which 
led to a constitutive relation a(e ,~)=  a l (e )x  
02(~) where the two variables could be separated 
in the form of two multiplicative functions Ox(e) 
and a2(~). This form proved to be particularly 
convenient for analysing the development of 
plastic instability in tensile specimens [25, 26] 
and fitted the experimental data reasonably well 
over the range of strains and strain rates covered 
by the usual tensile experiments. 

However, most studies of polymer plasticity 
(see, for example, Hnk [21], Andrews and Ward 
[27], Ward [28] and Bauwens-frowet etal. [29]) 
have shown that, over a large range of strains and 
strain rates, the experimental data are better 
fitted with an additive equation of the type 

G(e, C) = Gi(e ) -I- G*(e). (1) 

In such a representation, illustrated schematically 
in Fig. 11, stress-strain curves at different strain 
rates are separated by a simple vertical shift. We 
will now discuss the physical significance of both 
terms of this equation, and then check the appli- 
cability of the equation to our present results. The 
first term Gi(e) represents the internal stress and 
measures the effect of the true plastic strain 
accumulated in the material during the previous 
mechanical history of the specimen. As stated by 
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Figure 11 Pictorial representation of the "internal" stress 
oi (which depends on strain)and "effective" stress o* 
(which depends on strain rate). 

Fotheringham and Cherry [30, 31], this internal 
stress acts as a backward driving force which tends 
to return the material to its undeformed state. It 
has indeed been shown [32-34],  that a plastically 
deformed polymer can recover its initial shape 
completely, in tension as well as in shear, provided 
the thermal or geometrical conditions allow this 
recovery to be completed within the experimental 
time. 

The exact microstructural origin of the internal 
stress and its preferred mathematical form are 
difficult to specify with certainty, especially in the 
case of semi-crystalline polymers, where the 
respective contributions of the crystalline lamellae 
and amorphous layers cannot be understood 
simply [35,36]. However, given the common 
macromolecular nature of all polymers, the 
internal stress can be considered to be due to 
the rnbberlike entropic forces which make the 
chains retract when they are unloaded after an 
elongation. Some of the functions which have 
been proposed in the literature for this rubberlike 
elasticity have been reviewed by Treloar [37]. 
For the sake of simplicity, and considering the 
relatively small strains experienced by solid ductile 
polymers in comparison with real rubbers, we 
have applied the original analysis of Treloar [38] 
which can be readily adapted to true stress and 
true strain, and leads to the relation: ai(e ) = 
K[exp (2e) -- exp (-- e)], where K is a constant. 
The validity of this equation can be assessed from 
Fig. 12, where the flow curves of Fig. 2 have been 

replotted as a function of [exp (2e) - exp ( -  e)]. 
It is apparent that the experimental data fit fairly 
well, except at low strains. (As will be demon- 
strated below, this discrepancy can be attributed to 
the effect of the non-negligible values of elastic 
and viscoelastic strain rate during the initial loading 
of certain polymers; the associated decrease in 
plastic strain rate produces the decrease in o* at 
small strains.) The values of the coefficient K were 
derived from this plot and ranged from 2.2 MPa 
(LDPE) to 16.8MPa (PA66), reflecting the 
different strain hardening capacities of the present 
materials. Note that the o-axis intercepts corre- 
spond to the term o* of the general equation. 

The second term o*(e) of the constitutive 
equation, traditionally called the "effective" 
stress, reflects the strain rate sensitivity of the 
material. As frequently explained in the literature 
[27-29],  it can be determined from the a against 
log (~) plots displayed in Fig. 13, which are in 
turn based on constant strain rate data measured 
at e = 0.2. It can be seen that the experimental 
points for each polymer are aligned on straight 
lines within a narrow error band. 

This approach, which has been widely used 
in simple or modified form [10, 29, 39, 40], leads 
to the relation 

( VaO'* t = ~o(T) exp \-~] (2) 

where k is the Boltzmann constant and Va, called 
the "apparant activation volume" is the parameter 
which characterizes the strain rate sensitivity of 
the material. The pre-exponential term ~o(T) 
incorporates both the probability of thermally 
aided deformation (i.e. the activation energy term) 
and the dependence of the microstructure on 
temperature. For the range of strain rates used in 
the present work, the activation volumes deduced 
from Fig. 13 range from 1.5 nm 3 (PA 6) to  4.7 nm a 
(PTFE). By combining data from Figs 12 and 13, 
the pre-exponential factors eo were found to range 
from 4 x l 0  -s sec -a (LDPE) to 1 x lO -2a sec -1 
(PA 66) at 22 ~ C. 

It is tempting to interpret the above results in 
terms of a microstructural model in which the 
plastic strain is achieved by the operation of a 
single type of elementary process whose volume of 
influence is equal to the measured activation 
volume. Although such an approach has been 
frequently applied to the mechanical behaviour 
of glassy polymers [41-44],  it has recently been 
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shown by Escaig [45] that the validity of "single 
process" activation analysis is limited to very low 
temperatures, at which no microstructural changes 
occur, and the activation volume is restricted 
to a few tenths of a nm 3. (This corresponds to 
a mechanism which can spread its effects to a 
limited number of molecular "cages".) Following 
this author, experimental activation volumes as 
large as the present ones are taken to signify that 
changes in microstructure do accompany the 
changes in strain rate and may even completely 
screen the single mechanism activated process. It 
will be shown below, however, through the intro- 
duction of a simple model, that both the micro- 
structural changes as well as the basic thermally 
activated mechanism can be revealed by a study 
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of the transient behaviour following rapid changes 
in strain rate. 

5.2. A model for the deformation 
behaviour of polymers 

In the above analysis, the behaviour of the materials 
was expressed in terms of the total true strain. 
For a more realistic treatment, it is necessary to 
decompose the total strain into three components 

e = eel + e , ~  + ep,. (3)  

The elastic strain eel due to the deformation of 
intramolecular bonds, is immediately recoverable 
and is characterized by a high modulus E, so that 
it can be expressed to a first approximation as 
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Figure  1 3  Determinat ion  of  the  
parameters  v a and bo which  
define the  transient-free effective 
stress a*(~) = k T / v  a �9 In (e/eo). 

o 
eel = ~ -  (4) 

The viscoelastic strain evisc, associated with 
the limited retarded movement of  amorphous 
chains, is largely recoverable within a short time 
scale and is homogeneously distributed within the 
amorphous parts of  the specimen. It is responsible 
for the generation of an internal or back stress in 
the regions in which it has taken place. The visco- 
elastic response can be large only in polymers 
whose glass transition temperature is lower than 
the testing temperature. For polyamides and rigid 
PVC, the amorphous fraction is in a glassy state 
and so its viscoelastic contribution is small. For 
polypropylene and polyethylene, the amorphous 
fraction is rubbery and so it can make a significant 
viscoelastic contribution to the total strain. The 
case of Teflon is less clear since general handbooks 
[46] give its Tg as far above room temperature, 
but some calorimetric studies [47] have shown 
that the real glass transition of the amorphous 
fraction is about - -113  ~ C. (Our results are con- 
sistent with Teflon having a rubbery nature at 

22 ~ C.) Although an intensive effort has been 
made in the past for deriving correct viscoelastic 
laws, the analyses often remain formal and dis- 
connected from microstructural considerations. 
The viscoelastic equation obtained from the 
classical Voigt-Kelvin analogy ~vi~=(a/Ev - 
e~ise)/Ta (where r R is the mean retardation 
time and Ev the relaxed modulus) is a first step 
toward a phenomenological description of the 
viscoelastic contribution. It expresses indeed the 
gradual decrease of the viscoelastic strain rate as 
this mechanism proceeds in the course of  a tensile 
test. In terms of microstructural evolution one can 
consider that the viscoelastic capability of the 
amorphous chains are locally stretched. However 
it is known that the theological analogy gives a 
viscoelastic response which is too sharp: the real 
behaviour can spread over periods of time which 
are quite longer than the mean retardation time. 
Furthermore, when the strain is increasing, the 
relaxed modulus should be increased gradually. 

Lastly, the plastic strain %1 is of a different 
nature. It has been shown several times [48-51] ,  
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in amorphous as well as in semicrystalline polymers, 
that plastic deformation has a fundamentally 
inhomogeneous nature. It proceeds by local shear- 
ing within deformation bands, which can be 
narrow or more diffuse according to the material. 
During this shearing process, the molecules are 
forced to elongate, so that they experience an 
increasing shear back stress giving rise to an internal 
stress oi in the plastically deformed regions. The 
constitutive equation of flow must be applied to 
the plastic component of the strain rate: epl = 
do(T) exp (Vae*/kT). The previous determination 
of v a and do remains valid since it was carried out 
in the post-yield regime, in which the elastic and 
viscoelastic contributions can be neglected with 
respect to the plastic strain. 

A simple computation based on the above 
expressions for dr,  evisc and dpl and on exper- 
imental values of the parameters E, Ev, rR, d, 
V a and K, makes it possible to model the constant 
strain rate a(e, d) curves as well as some aspects 
of the transient response. Although such an 
approach leads to a _good description of"normal"  
yielding and "normal" transients, it utterly fails 
to describe the true yield drop in PVC and the 
"inverse" transients in general, whatever the values 
of the experimental parameters. The description of 
inverse transient behaviour requires a modification 
of the plastic deformation model and one method 
of doing so will now be described. 

As proposed earlier [42-45],  plastic shearing 
in deformation bands cannot proceed by a homo- 
geneous in-phase movement of all the chains 
bonding the glide plane since this would require a 
very large stress. Alternatively, it seems more 
realistic to imagine a model in which localized 
molecular misfits (or plastic waves) of linear 
character can be nucleated and then propagate 
under the influence of the effective stress until 
they reach the surface or interact with plastic 
waves travelling on intersecting planes. (Because 
of the axisymmetric geometry of round specimens, 
glide occurs on an infinitude of planes and inter- 
actions are frequent.) The plastic strain rate can be 
written by analogy with the Orowan formula, as 

dpl = p((r*, e) �9 v(~7*) �9 b. (5) 

Here p is the length of plastic wave per unit volume, 
v is the mean velocity of wave propagation and 

E is a mean distance characterizing the elementary 
shear displacement caused by the passage of a 
w a v e .  

At a fixed temperature, the wave velocity is 
controlled by the effective stress and can be 
expressed as 

v(o*) = Vo exp kT 

(wo, t 
= Vo exp \ kT ] (6) 

where AG~' is the total activation free enthalpy 
and w is the activation volume of the propagation 
process. The total length of plastic wave during 
transient-free deformation Pt.~., which character- 
izes the deformation microstructure, also depends 
on the effective stress, and can be written as 

O(a )tf. = Po exp kT 

= Po exp \kT]  (7) 

where AG~ is the total activation free enthalpy 
and r is the activation volume for wave nucleation.* 
Under these conditions, the strain rate given by 

themodel ( A G ~ + A G ~ ' ~  [ ( r+w)a*]  
dp] = p ;v ;bexp -k7 ) e x p  [ ~ -  j 

=poVoEexp[ (r+w)~ ] J (s) 

is at least in formal agreement with the exper- 
imental relation 

VaO* 
~pl = dO " exp ( - - - ~ )  (9) 

with v a = r + w and with the overall activation 
free enthalpy AGo = AG~ + AG~'. 

The model described above is not yet able 
to explain the experimentally observed "inverse" 
transients. For this purpose, we will adopt the 
approach of Gilman and Johnston [521 and 
assume that, although the wave velocity can 
change instantaneously with o*, the wave density 
can only increase gradually as straining proceeds, 
since a given wave must expand from its nucleus 
in order to increase its length. In the original 

*Note that nucleation and propagation need not both be thermally activated. It is their stress dependence which is of 
particular interest here. If one or other is entirely mechanically activated, the "activation volume" simply loses its 
physical significance and becomes a coefficient of stress dependence. 
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Figure 14 (a) Total strain rate against strain in a constant 
strain rate test, (b) the linear strain dependence of the 
plastic wave density called for by the present model. 
Evolution of the effective stress against strain for: (c) a 
rigid-plastic polymer, (d) an elastic-plastic polymer and 
(e) a viscoelastic-plastic polymer. 

Gi lman-Johns ton  model, the wave density was 
a monotonically increasing function o f  strain. 
We propose alternatively that, whenever a polymer 
experiences a strain rate increase or decrease, the 

plastic wave density changes accordingly over a 
particular strain interval ee until it reaches the new 
equilibrium value characteristic of  the new strain 
rate. This approach is in agreement with the earlier 
suggestion o f  Brown and Ward [53],  that, for some 
glassy polymers, the intrinsic yield drop is due to 
the difference between the conditions for the 
initiation of  yielding and for the propagation of  
transient-free flow. 

5.3. Interpretation of the transients 
5.3. 1. Yield behaviour  
The yielding of  polymers is a particular case of  a. 
strain rate change from an initial value ei = 0 
to a final ~ = el.  If  it is first assumed that the 
material has an ideal rigid-plastic behaviour (elastic 
modulus E = 0% viscoelastic time r,, = oo), then the 
rate change must be immediately accommodated 
by the plastic strain rate epl which jumps from 0 
to el (Fig. 14). As a first approximation, the 
increase in wave density proposed above can be 
taken to be linear, so that 

0 for e = 0 

. 2_  for O < e <  ec (10) p(e) = Pl ec 

Pa for e >  e~ 

where Pl = Po exp (ro~;/kT) is the transient-free 
value o f  p and o* = o7 after the critical transient 
interval ec. This oversimplified linear kinetics 
does not  pretend to represent the real one with 
accuracy since p is certainly a complex function 
of  e and t, but it can nevertheless be used to check 
whether the main features of  the yield response 
can be grossly interpreted on this basis. We can 
then write 

. . . .  Po Vo exp �9 e x p \ h : l ' ]  ec \ kT ] 

(11) 
and, since povob = eo and r = va - -  w 

~1 = ~0 exp \ - - - ~ ]  exp �9 

( w(o*--o~)] .  e_ (12) 
= el exp 

so that 

o* = oT q- 
w / va (13) 
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and 

a* = a7 for e > %. (14) 

The stress-strain curve obtained from this func- 
tion (Fig. 14c) does indeed exhibit a yield drop 
whose shape can be adjusted by a suitable choice 
of the parameters Va/W and ee. In particular, it 
can be seen that the width of the yield drop peak 
is large if Va/W is large, that is, if the nucleation 
mechanical work or activation volume is large 
compared with the propagation activation volume. 

In order to eliminate the unrealistic singularity 
of the stress at e = 0, the elastic-plastic model 
will now be introduced. First the total strain rate 
is held 

with 

and 

m_ ~el 4- ~pl -~- el  

1 do de el do 

= = e d e  

. L  
dpl = da exp L kT e e 

Under these conditions, 

do E 1 exp 
de 

viscoelastic contribution can accommodate a part 
of the total strain rate at the critical moment when 
the density of plastic waves has to increase. 
Finally, in the case of the polyamides, the gradual 
yielding of the specimens may appear surprising 
since the glass transition temperatures of the 
amorphous fractions are above room temperature. 
However, the observed behaviour can be ascribed 
to the effect of moisture and added plasticizers, 
which make possible the movement of viscoelastic 
chains in these otherwise glassy polymers. 

5.3.2. Transients associated with strain 
rata changes 

When a polymer currently tested at a strain rate 
dl experiences an increase to a higher rate ~2, the 

(15) plastic wave density must adjust itself from the 
current value Pl to the new value P2 (Fig. 15). 

(16) Here again, it is assumed that this change of 
density cannot be immediate and follows a law 
of the type (17) 

P = Pl for e < e i (19) 

(18) 

This differential equation cannot be solved 
analytically, but its numerical integration is 
straightforward and leads to a stress-strain curve 
like the one in Fig. 14d. This curve can be taken 
to describe the experimental yield behaviour of 
PVC, as the following values were chosen for the 
experimental parameters: E = 3300 MPa, Va/W = 8 
and ee = 0.05. It is thus apparent that the small 
and abrupt true stress peak which characterizes 
the basic yield behaviour of glassy polymers can 
be attributed to the supplement of stress necessary 
to overactivate the existing plastic waves while a 
sufficient number of new ones can be nucleated. 
Such a yield drop has also been observed in 
polycarbonate [50] and in polyethylene tere- 
phthal~ te [ 12] by using in both cases a shear testing 
technique where no geometric effects intervene. 
The reason why no yield drops appear in the cases 
of polyethylene, polypropylene and Teflon is that 
the yield response is rounded off due to their 
smaller elastic moduli and their larger viscoelastic 
compliances. Indeed, if the viscoelastic strain rate 
e~i~ is introduced into the above analysis, the 
stress drop can be suppressed completely since the 
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P =Pl+(P2--Pl  ) e--ej for e j < e < :  ej+ ec 
ee-- ej (20) 

P = P2 for e > q + ec. (21) 

Here ej is the strain at which the increase is initiated 
and ec is once again the characteristic strain 
required to attain the new density P2. For a 
polymer with an ideal rigid-plastic response, we 
can follow the method outlined above to obtain 

~pl = ~2 =[plq-(p2--pl)~t]'"O(O*)B 
\ec -- q ]] (22) 

V(O~) = [/91_{_ --~2-2 "V(O $) (23) 
[ P2 \e e -  ejl] 

with 

[ r(o~-07)  1 
Pl _ exp -kT- ] 
P2 

one gets, for e i < e < ej + ec 

where 

(24) 

o * =  o ~ - - ( ~ )  ( ~ a ) l n  {exp(\---~]rAal 

1 - -  exp k -T- ] ]  \ e c  - e i ] )  

Ao a* -- o7. (26) 2 
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Figure 15 (a) Total strain rate against strain during rapid 
strain rate changes, (b) the evolution of the wave density 
prescribed by the current treatment. Evolution of the 
effective stress against strain for: (c) a rigid-plastic 
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elastic-plastic polymer. 

The transient behaviour described by this equation 
is characterized, as indicated in Fig. 15c, by a 
finite stress overshoot whose amplitude is equal to 

Om~--o2 = --1 AO. (27) 

In the case of a strain rate decrease (~2 < ea), the 
same equation holds with ~o < 0, giving rise to the 
finite stress dip illustrated in Fig. 15c. If the 
material exhibits elastic-plastic behaviour (Fig. 
15d), the numerical procedure introduced above 
for yielding shows that the upward overshoot is 
rounded off and decreased. As reported previously 
for metallic materials [19,20], the downward 
stress dip is made deeper by the elastic contribution, 
which thus explains the generally observed 
asymmetry of the up-and-down strain rate changes. 

Finally, by introducing the viscoelastic contri- 
bution, the overshoots and stress dips can be 
eliminated completely (Fig. 15e). This procedure 
explains why the transients associated with strain 
rate changes in a viscoelastic material become 
sharper and sharper as the current strain is increased. 
It is the gradual exhaustion of the viscoelastic 
capability with increasing strain that appears to be 
responsible for the transformation of the transients 
from "normal" to "inverse". 

5.3.3. Transients after a period of  stress 
relaxation 

When the total strain rate is suddenly reduced to 
eT" = 0, plastic straining continues to proceed and 
the elastic strain is gradually relaxed. In terms of 
the present model, the totallength p of plastic wave 
in the material also decreases during relaxation, 
tending towards zero as the stress tends towards 
the internal stress o i (Fig. 16). The quantitative 
application of this model to the case of an elastic- 
plastic polymer leads to logarithmic kinetics for 
the relaxing stress 

o*=o~--k~Tln(~T~lEt+va  1) (28) 

where o~ is the effective stress at the beginning of 
the relaxation. This expression, which is similar to 
the one derived by Guiu and Pratt [54], holds only 
as long as o* is not too close to zero. (In the latter 
event, the strain rate must be expressed in terms of 
a hyperbolic sine instead of an exponential, as in 
the Eyring [55] activation analysis.) From the 
above expression for o*, we can derive the length 
of residual plastic wave p(t) at any moment of the 
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exhausted during the relaxation period. Evolution of the 
effective stress against time for: (c) an elastic-plastic 
polymer and (d) a viscoelastic-plastic polymer. 

relaxation. If the relaxation is continued for an 
infinite time, the effective stress is reduced 
asymptotically to zero, as is the wave density. 

When the tensile test is resumed in the course 
of a relaxation, the situation resembles the case 
of  initial yielding, since the plastic straining 
must be reinitiated from a microstructural state 
that contains few plastic waves. (The longer the 
relaxation, the fewer the remaining plastic waves.) 
The shape of the flow curve after the test is 
resumed is then characterized by a stress overshoot. 
Furthermore, if the "relax-and-resume" test is 
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performed after a high prestrain, the overshoot 
can no longer be erased by viscoelastic effects, 
since the viscoelastic strain capability of  the 
material is now nearly exhausted (see above). 

5.3.4. Transients after an unloading 
When the total stress is set abruptly to zero during 
a tensile test (i.e. when straining is interrupted and 
the material is unloaded), the subsequent effects 
differ radically from those observed after relax- 
ation. In this case, the elastic strain is immediately 
set to zero, the viscoelastic strain returns to zero 
more gradually according to its own kinetics 
(characterized by the retardation time ~'rt), and 
finally, a compressive plastic strain rate appears 
since the effective stress is reversed in sign when 
it is set to the negative of the internal stress 
(o* = - -o i ) .  It appears from the experimental 
results on PVC that, when the load is removed, 
the plastic wave population continues to exist 
even if its mean velocity drops to zero, or to a low 
value. It does not tend to be exhausted by forward 
gliding as in the case of stress relaxation. Instead, 
the small negative strain rate, which is responsible 
for the anelastic effect observed in Fig. 9, is 
accompanied by the slow backward glide of some 
of the waves, as well as by the possible nucleation 
of new negative shear waves, such that the total 
density decreases very slowly to the level appro- 
priate to the internal stress. 

If the tensile test is resumed after an unloading 
period (see. Fig. 9) no overshoot is observed since 
the population of available plastic waves is high 
enough to supply the plastic part of the strain rate 
while the viscoelastic component is fully depleted. 
When the sample is relaxed for a long time 
(exhausting its plastic wave population), prior to 
unloading for a specific period, and then tensile 
tested a second time, once again no stress over- 
shoot occurs. Here it can be hypothesized that 
the negative plastic strain rate established during 
the unloaded period gave rise to a new set of 
waves numerous enough to accomodate further 
tensile testing without a reloading transient. Such 
reversible glide effects seem to be particularly 
common in polymers: in a study devoted to the 
torsion testing of polycarbonate, Wu and Turner 
[56] showed that the reverse shearing of a pre- 
deformed polymer could be achieved at a lower 
stress than the continued forward shearing. This 
was explained by invoking a kind of Bauchinger 
effect. 



6. Summary and conclusions 
The plastic behaviour of seven commercial 
polymers (low density and high density poly- 
ethylene, polytetrafluoroethylene, polypropylene, 
polyvinyl chloride, polyamide 6 and 66) was 
investigated at room temperature. The exper- 
iments were carried out at constant local true 
strain rate with the aid of a closed-loop hydraulic 
tensile machine equipped with an exponential 
function generator and a diametral transducer. 
Transients tests were also performed involving: 
(i) rapid changes in strain rate, (li) stress relaxation 
at constant total strain, followed by the resumptior= 
of straining and (iii) abrupt loading of the samples 
for various intervals followed by the resumption 
of straining. The results obtained permitted the 
following conclusions to be drawn. 

(1) The flow stresses a determined at constant 
strain rates ~ in the range 10 "~ to 10 -~ sec -1 can 
be represented by additive constitutive relations 
of the form a = ai(e) + a*(~). Here the effective 
stress a* increases with log ~, as given by: a * =  
k T / v  a �9 In (e/Co), where v a is an experimental 
activation volume (for the present materials, 
values in the range 1.5 nm 3 (PA 6) to 4.7 nm 3 
(PTFE) were observed) and eo is an experimental 
parameter [in the range 10-:3sec -1 ( P A 6 6 ) t o  
4 x 10 -8 sec -1 (LDPE)]. The internal stress 
obeys a relation of  the type proposed by Treloar, 
namely: ai = K[exp 2e -- exp (-- e)] ; here K is in 
the range 2.2MPa (LDPE) to 16.8 MPa (PA 
66) and characterizes the rubberlike entropy 
forces acting on the extended macromolecular 
chains. 

(2)A model in which plastic deformation 
proceeds by the nucleation and propagation of 
plastic shear waves describes adequately the 
constant strain rate, as well as the transient behav- 
iour of the present materials. According to this 
model, both the nucleation and propagation 
processes are thermally activated, but with higher 
apparent activation volumes for the former than 
for the latter process. In the course of transient- 
free deformation, the density of plastic waves and 
their velocity depend only on the effective stress, 
and thus, like it, remain constant. During transients, 
the wave velocity changes instantaneously with 
effective stress; by contrast, the wave density 
changes more slowly, following the original 
approach by Gilman and Johnston. 

(3) The precise shape of the flow curve at 
yielding can be determined by the present tech- 

nique since it is free of geometric and localized 
self-heating effects. Thus, true yield drops are 
observed in a rigid glassy polymer such as PVC. 
Conversely, the yield transient is gradual in the 
rubberlike or plasticized materials. In the latter 
ones, the elastic and viscoelastic components of 
strain rate accommodate a large part of the total 
strain rate during the strain interval necessary for 
nucleating the plastic waves. 

(4) When the strain rate is abruptly increased 
or decreased, "inverse" transients (characterized by 
stress overshoots or sharp stress dips) are observed 
in the polymers with a glassy phase (PA and PVC). 
By comparison, in those with a rubbery phase (PP, 
PTFE, HDPE, LDPE), the transients are "normal" 
at low strains (with gradual changes in stress) and 
convert to "inverse" at high strains. According to 
the model, "inverse" transients are observed when 
the elastic and viscoelastic strain rate contributions 
are small. "Normal" transients are only obtained 
at small strains because the required viscoelastic 
strain contributions is exhausted at high total 
strains. 

(5)When straining is interrupted to permit 
stress relaxation and then later resumed, a stress 
overshoot is observed under the conditions which 
lead to "inverse" transients in (4) above. Con- 
versely, if the load is abruptly removed, a "normal" 
transient is observed when straining is resumed. 
According to the model, the difference between 
these two types of behaviour is attributed, in 
the first case, to the gradual exhaustion of the 
plastic waves during the relaxation as the effective 
stress goes to zero; in the second case, to the 
maintenance of an appreciable plastic wave density 
appropriate to the non-zero value of the effective 
stress (a* = -- ai). 
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